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A B S T R A C T   

The strength and hardening of metallic materials are dictated by the motion and interactions of dislocations. 
Individual dislocations intersect, react, and frequently form junctions, defining a defect topology that is the basis 
of subsequent deformation. While immobilized dislocation locks are intuitively considered as potent strength-
ening structures, simulations suggest that glissile reactions are a predominant contributor to hardening among 
the four types of dislocation reactions in face-centered cubic crystals, even though the resulting dislocations are 
inherently mobile. To date, the prevailing understanding of glissile reactions has been primarily based on 
classical geometric models of perfect dislocations and simulations thereof. Understandings of the reaction 
pathways and detailed experimental characterization of glissile reactions are lacking, leaving the potential to-
pological variations shrouded in mystery. This study details molecular dynamics simulations of glissile reaction 
involving dissociated partial dislocations, and the direct experimental characterization of the dislocation con-
figurations resulting from glissile reactions in deformed pure aluminum using transmission electron microscopy. 
The experimentally-determined structure was reconstructed in 3D and parametrically studied in discrete dislo-
cation dynamics simulations, revealing varying topological evolutions under different loading conditions. 
Further statistical analyses on an ensemble of simulated dislocations revealed the essential role of stress states 
and cross-slip in affecting the probability of glissile reaction and the fraction of mobile dislocation nodes. These 
findings point to avenues for the development of dislocation-based constitutive theories of plasticity.   

1. Introduction 

Linear defects in a crystalline solid, known as dislocations, are the 
vehicles for plastic deformation and underpin the competing re-
quirements of high performing structural materials. Inhibiting their 
otherwise facile motion by engineering obstacles on crystallographic 
slip planes provides the means for strengthening. However, the complex 
nature of dislocations acting in an ensemble during plastic deformation 
and their ensuing evolution in both density and topology are currently 
gaps in our understanding and act to limit the predictive power of 
existing plastic deformation models. 

Dislocations interact with other dislocations (and other 

microstructural features such as solute atoms and precipitates) via their 
elastic field and can react with each other, with products defined by the 
defect topology. The resulting junctions are commonly thought of as 
immobilized sites for the interacting dislocation segments. The junctions 
thereby also increase the resistance to further glide of the dislocations 
pinned at the reaction nodes. Indeed, conventional wisdom suggests that 
immobilizing these junctions provides the means for strengthening. 
Based on the crystallography of the interacting slip systems, dislocation 
reactions in metals adopting a face-centered cubic (FCC) crystal struc-
ture are categorized into four types: (i) Hirth locks, (ii) Lomer locks 
formed by perfect dislocations (and Lomer–Cottrell locks formed by 
partial dislocations), (iii) collinear reactions, and (iv) glissile reactions, 
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defined as a reaction leading to glissile (mobile) products [1]. The 
former two are straightforward dislocation locks that immobilize the 
intersecting dislocations, whereas the latter two are expected to exhibit 
a range of structural evolution. 

The prevailing knowledge of dislocation reactions, the evolution of 
their products, and more importantly their effect on plastic deformation 
have been primarily based on classical geometric models and corre-
sponding simulations of such configurations. For instance, using atomic- 
scale and continuum models of plasticity [2], collinear reactions in FCC 
crystals were evaluated as the most potent strengtheners among all the 
dislocation reactions. Mechanistically, this phenomenon was ascribed to 
the fact that the resulting dislocations are perfectly glissile. When two 
dislocations of the same Burgers vector (referred to as collinear dislo-
cations), yet gliding on two {111} planes, intersect, dislocation anni-
hilation along the intersection lines occurs such that the reacting 
dislocations change their glide planes at the nodes, producing two nodes 
that are constrained to follow the intersection line of the two partici-
pating glide planes. These results highlight that the interactions of 
glissile dislocations can result in mobile junctions that contribute to the 
strain hardening of crystals, in addition to immobile (sessile) dislocation 
junctions. 

Recent evidence suggests that not only can such mobile dislocation 
junctions form via a glissile reaction, but also that the glissile junctions 
are the predominant contributor to strain hardening once plastic flow 
ensues. When two dislocations with different 1/2〈110〉 Burgers vectors 
and gliding on two {111} planes intersect, the Burgers vector of the 
resulting dislocation is also of 1/2〈110〉 type, and, very importantly, lies 
on one of the initial two {111} planes (Fig. 1). A convenient formula 
defining a glissile reaction is bα

1 + bβ
2 = bβ

3, where b is the 1 /2〈110〉 type 
Burgers vector and the superscript α and β denote two different {111} 
slip planes. Since the reacting and resulting dislocations are on their 
respective slip planes, all the three dislocation segments connected to 
the joining node are glissile. This is distinct from a Lomer lock, where the 
resulting Burgers vector is a 1/2〈110〉 type, but the dislocation line di-
rection and Burgers vector are not on the same {111} plane, so the 
resulting junction is immobile. 

Despite the knowledge of glissile junctions as one possible reaction in 
FCC crystals (with its name implying mobility), their crucial role in 
mediating multiplication mechanisms that evolve the dislocation den-
sity and contribute to hardening has only recently attracted interest 
from the materials modelling community. Discrete dislocation dynamics 
(DDD) simulations have demonstrated that, on the one hand, glissile 
reactions are an effective source for generating mobile dislocations, 
especially on new slip systems, thereby contributing to the multiplicity 
of plastic deformation modes [3–5]. This observation further questions 
the Frank–Read theory for dislocation multiplication within entangled 
dislocation networks. On the other hand, glissile reactions were 
demonstrated to be the dominant contributor to hardening [6], owing to 
the high probability of intersections of appropriate dislocation species 
[2,7] and the formation of stable junctions [6]. Taken as a whole, the 
dual nature of junction mobility underscores the role of glissile reactions 
in both providing mobile dislocations as carriers of plastic strain and 

producing immobile structures as obstacles for dislocation movement. It 
is noteworthy that, very recently, glissile junction formation was added 
to a dislocation density-based crystal plasticity model [8]. 

The seminal work on dislocation reactions by Whelan [9] (originally 
referred to as “case 2. Burgers vectors at 120◦”), where planar hexagonal 
arrays were observed, led to the authors inferring glissile reactions as a 
mechanism to generate the dislocation arrays. However, the dislocation 
Burgers vectors and line directions were not explicitly characterized in 
the TEM images. To date, and to the best of our knowledge, detailed 
experimental characterization of a glissile junction has been absent. This 
is presumably due to the evolving nature of all the mobile dislocations 
involved in the reaction, thereby demanding challenging and 
spatially-resolved electron microscopy that characterizes the full 3D 
elements of each dislocation segment. Note that for the schematic 
drawing in Fig. 1, distinguishing a glissile reaction from a Lomer lock 
requires determining the exact Burgers vectors and also the line di-
rections of the dislocations. The lack of detailed experimental charac-
terization leaves any potential structural variations of glissile reactions 
unknown. Furthermore, predictive models for strength and plastic flow 
stand to benefit from the knowledge of the actual existence of such 
junctions under experimental conditions, and how their configuration 
responds to the diversity of local conditions present in deformed mate-
rials. Aiming at determining material-dependent hardening parameters, 
Madec and Kubin [10] have used dislocation dynamics simulations to 
calculate the strengthening coefficient of various junctions, including 
glissile junctions. As a first order of approximation, the line direction of 
the junction segment was assumed to remain along the intersection line 
of the slip planes, even though the glissile junction is crystallographi-
cally mobile. Interestingly, recent DDD simulations [5] showed that a 
sequence of dislocation reactions acting in concert, namely a coplanar 
reaction following a glissile reaction, led to dislocation multiplication on 
unstressed slip systems, a phenomenon termed slip-free multiplication. 
These recent simulation results highlight that the impact of glissile re-
actions on plastic deformation and their impact on engineering prop-
erties is yet to be fully elucidated. 

The present study firstly examines the reaction pathway of glissile 
reaction using molecular dynamics (MD) simulations, where dissociated 
dislocations are considered. This is complementary to the current state 
of understanding based on perfect dislocations, such as the schematic 
drawing in Fig. 1. The direct experimental characterization of the 
dislocation configuration resulting from glissile reactions in deformed 
pure Al is then detailed using transmission electron microscopy (TEM). 
All of the characteristic vectors of each dislocation are precisely deter-
mined, allowing us to transfer the experimentally determined configu-
ration to DDD simulations to parametrically study its evolution under a 
variety of loading conditions. Motivated by the observations that the 
end-nodes of glissile reactions exhibit different states, namely mobile or 
pinned, we further generalized the findings to an ensemble of disloca-
tions in DDD simulations. The combination of experimental and simu-
lation studies on isolated dislocation junctions and dislocation ensemble 
helps unravel the interplay of collective mechanisms across scales, 
analogous to multiscale studies of grain boundary phenomena on bi- 

Fig. 1. Definition of glissile reaction and its distinction from a Lomer lock. The Burgers vectors are of 1/2〈110〉 type and the two slip planes are {111} type. A 
Thompson tetrahedron is used to depict the relationships between the planes and Burgers vectors. 
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crystals (“tame”) and polycrystal networks (“in the wild”) [11,12]. 
Altogether, the direct integration of experimental quantification and 
simulation reveals substantial variabilities of glissile reaction in FCC 
metals, in terms of both the probability of occurrence and the mobility of 
the resulting dislocation nodes and their behaviors under load. 

2. Methods 

2.1. Molecular dynamics simulations 

MD simulations were carried out to study the reaction process of 
glissile reaction. Since the separation distance between the dissociated 
partial dislocations is proportional to μ/γSF, where μ is the shear 
modulus, and γSF is the stacking fault (SF) energy, two model materials, 
Cu and Al, are adopted to represent the cases of wide and narrow 
dislocation dissociation respectively (Al: μ/γSF = 0.19, and Cu: μ /γSF =

0.91). Fig. 2 shows the detailed atomic configuration of simulation 
setup. The simulation cell has the dimension of 21 nm × 32 nm ×

55 nm and contains a total of ∼ 2,800,000 atoms. Simulations were 
performed using LAMMPS [13] at temperature of 0 K. The embedded 
atom method (EAM) potentials of Cu by Mishin et al. [14] and of Al by 
Angelo et al. [15] were employed. The visualization tool OVITO [16] 
was employed to perform common neighbor analysis to clearly display 
the dislocation core structure. Two parallel dislocations are generated 
on the glide planes of ABC and BCD (Fig. 2(A)), the Burgers vectors are 
CA and BC respectively and the line direction is along BC. The perfect 
dislocations dissociated into partial dislocations with SFs in between 
(Fig. 2(B)), and the ends of the dislocations are fixed at the surface to 
observe the intermediate process of the reaction. After the dislocations 
are generated, the energy of system is minimized by conjugate gradient 
method. 

2.2. TEM characterization of dislocations 

A commercially pure FCC polycrystalline Al alloy was subjected to 
moderate plastic deformation (3 % global strain) in uniaxial tension at 
room temperature to introduce a population of dislocations and facili-
tate their interactions. TEM specimens with areas of electron trans-
parency were prepared from the bulk by mechanical grinding, rim- 
punching and electro-polishing. Dislocations were characterized using 
two-beam diffraction contrast imaging performed on an FEI Tecnai G2 
operating at 200 kV using a double tilt specimen holder. For each 
diffraction condition, the tilt angles of the holder (α, β) were recorded 
and used to calculate the relevant crystallographic orientations. Dislo-
cation Burgers vector was determined using the g⋅b = 0 invisibility cri-
terion. 

For dislocation line direction determination, there are two major 
methods: dislocation tomography and stereo-pair analyses. The former 

is based on the concept of reconstructing a 3-D volume by serial 2-D 
sections, which are acquired as elaborate tilt series images that cover 
a large tilting range (e.g. ±70∘) at small tilt intervals (e.g. 1∘) [17–19]. 
The latter is based on the perspective views of 3-D objects from two 
distinct directions (therefore the attractive notion of quantifying 3D 
structure from only two images). The post-acquisition 3-D reconstruc-
tion is carried out by the principles of either (1) the projection geometry 
of line lengths as a function of the tilt and depth of objects in a volume 
[20,21] or (2) plane trace analysis utilizing the relationship of the ob-
jects with the known beam direction and diffraction vector in the crystal 
coordinate system [22]. In the current study, dislocation line direction 
was determined based on the stereo-pair method, where dislocation 
segments in the images were approximated by straight lines. 

The relationship between the crystal coordinate system and stage 
coordinate system is firstly established using the double-tilt angles of the 
stage for two crystallographic zone axes, following the procedures 
detailed in [23]. This ensures consistent indexing of the crystallographic 
zone axes and diffraction vectors, and allows the calculation of electron 
beam direction for each TEM image (e.g. as shown in Fig. 3). Therefore, 
in an image formed at a two-beam diffraction condition, a dislocation 
segment i is associated with a pair of crystallographic directions (beam 
direction, diffraction vector) = (Bj, gj). The former is perpendicular to 
the image plane, and the latter is in the image plane and is the normal 
direction of an edge-on plane. In each image, the angle of the dislocation 
with the diffraction vector and its projected length are measured as θij 

and lij. The measured angle should be corrected by the rotation between 
the image plane and the diffraction plane of the microscope. It is then 
converted to the angle between gi and the normal direction of the 
edge-on plane that contains the dislocation in the image θn

ij, and is 
reduced to the range of [ − 180∘, + 180∘]. The edge-on planes nij that 
contain the dislocation segment i now can be determined by 

nij⋅gj = cosθn
ij, nij⋅ Bj = 0, sign

(
gj ×nij

)
= sign

(
θn

ij

)
(1) 

The dislocation line direction ξ is ultimately determined as the 
intersection of the two edge-on planes 

ξi = nij × nik (2) 

According to the principle of projection, the true line length is 
calculated from the measured projected length in the image as 

Li =
li⃒

⃒ξi × Bj
⃒
⃒

(3) 

In summary, once the crystal coordinate system has been established 
and linked to the sample system, the input parameters for line direction 
determination include the tilt angles of each image (αj, βj), the 
diffraction vector gj, the angle θn

ij between gj and the edge-on plane nij 

Fig. 2. Atomic configuration for the atomistic simulation. (A) Initial configuration of the simulation cell. OVITO is used for a common neighbor analysis, where 
atoms with FCC structure (green), and hexagonal-close packed (HCP) structure (red) are differentiated. The surface atoms are removed to show the interior of the 
simulation cell. The slip planes and the Burgers vector are shown by the Thompson tetrahedron. (B) The core structures of the two partial dislocation pairs and the 
associated stacking faults. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.) 
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that contains the dislocation i, and the projected length lij. The results 
are the dislocation line direction in the crystal coordinate system ξi and 
the true length Li. Although mathematically two images suffice to 
determine a straight line in 3-D images, multiple images were employed 
in the present work to measure and refine each dislocation line segment. 

2.3. Simulation of a few dislocations using DDLab 

To investigate the possible evolutions of the experimentally- 
determined dislocation configuration, the experimentally determined 
dislocations were reconstructed and simulated using the DDLab code 
[24] that runs in the MATLAB environment. Relevant to aluminum, the 
elastic constants of shear modulus G = 27 GPa and Poisson’s ratio ν =
0.35 are used. The dislocation Burgers vector magnitude is set as b =
0.286 nm. The damping coefficients for screw and edge dislocations are 
10− 4 Pa s and 0.5× 10− 4 Pa s, respectively, with the ratio of the values 
set according to [25]. Cross-slip is not allowed in the simulation. A 
uniaxial load of 200 MPa was applied to the simulation box along 
different crystallographic directions and the motions of dislocations 
were tracked as they approached the new equilibrium state. 

2.4. Simulation of a large ensemble of dislocations 

The DDD framework, as detailed in [3,26-30], is used to simulate the 
evolution of a large ensemble of dislocations in a single crystal during 
tensile loading along both [010] and [123] directions, to obtain a sta-
tistical understanding. Material parameters for aluminum are used 
assuming isotropic elastic properties (shear modulus G = 27 GPa, 
Poisson’s ratio ν = 0.35, dislocation Burgers vector magnitude b = 0.286 
nm, friction coefficient B = 10− 4 Pa s). The simulation sample side 
length is 5 µm. The tensile test uses displacement-controlled boundary 
conditions. The bottom surface is fixed, while the displacement in tensile 
direction at the top surface is prescribed using a strain rate of 2000 s− 1. 
Traction free boundary conditions are prescribed for all remaining de-
grees of freedom of the surface. Finiteness of the sample is implemented 
via the superposition principle, which accounts for both boundary 
conditions and image forces [26,31]. 

To avoid artificial pinning points in the dislocation structure, the 
initial structure is obtained by a relaxation scheme [32], which is 
applied to a dislocation structure starting from randomly distributed 
circular dislocation loops. The loop radii are comprised between 0.5 and 
2 of the sample side length, thus many loops of the initial structure 
already intersect the surface. The relaxation is performed under traction 
free boundary conditions and convergence is reached once the 

dislocation density stabilizes. All dislocation reactions are allowed to 
occur during relaxation. The dislocation topology evolution due to 
junction formation, cross-slip and annihilation are treated with consti-
tutive rules [26,33]. The relaxed structure’s density is about one fifth of 
the initial one. Identical relaxed initial dislocation structures are used 
for the tensile tests with and without cross-slip. The cross-slip formu-
lation [34] and parameters from [35] are used with the proposed pa-
rameters for Al, tauIII = 5 MPa, to increase the cross-slip probability, the 
critical distance between screw dislocation ys = 1 μm, and the activation 
volume is kept at V = 300b3 (b is the magnitude of Burgers vector). The 
role of cross-slip is thus studied in a generic way, meaning a FCC ma-
terial with easy cross-slip and without cross-slip. 

3. Results and discussion 

3.1. MD simulations of glissile reaction pathways from dissociated 
dislocations and their evolution 

The occurrence of glissile reactions was examined by allowing the 
instantiated dissociated dislocations to naturally evolve when the 
simulation box is relaxed, with the ends of the dislocations pinned 
(Fig. 4). This configuration represents the reaction of two dislocations 
with the Burgers vectors of AC and BC, and on their glide planes ACB and 
DCB, respectively. Driven solely by the internal elastic interactions of 
the dislocations, it was observed that the two partial dislocation pairs 
glide toward each other. The leading partial γA on the ACB plane passes 
across the plane intersection, and the trailing partial Cγ reacts with the 
leading partial αC on the BCD plane (Fig. 4(B)), forming a junction with 
Burgers vector αγ, i.e. αC+ Cγ = αγ. This partial dislocation junction is a 
stair-rod, so it is sessile and remains on the intersection line of the two 
glide planes. When the trailing partial Bα arrives at the intersection line, 
it reacts with the stair-rod αγ (Fig. 4(C)), resulting in Bγ, i.e. Bα+ αγ =

Bγ. 
The sequential reactions of the partial dislocation pairs occur natu-

rally under zero applied stress. More significantly, this is the only way 
the reaction could occur, as other combinations of the partial disloca-
tions are energetically less favorable. While the reaction pathway 
involving partial dislocations is clarified, it is noteworthy that the 
overall Burgers vectors are consistent with the classical definition using 
perfect dislocations. After the reaction, the summation of the peripheral 
partials on the ACB plane is Cγ + γA = CA, the summation of the pe-
ripheral partials on the DCB plane is Bα+ αC = BC, and the summation 
of the central partials is Bγ + γA = BA. In other words, the intersection 
and reaction of CA and BC produces BA. The fine structure that the 

Fig. 3. The crystallographic frame of the investigated grain in the sample. Both the real space crystal and the Kikuchi bands are shown. The coordinate system of the 
double tilt holder is given as [XYZ]. The α and β tilts are with respect to the X and Y axes respectively, and the signs follow the right-hand rule. The ZA and diffraction 
vectors are consistently indexed according to the tilt angles on the TEM holder. The positions of the diffraction vector arrows on the Kikuchi bands represent 
schematically the beam positions. 
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Fig. 4. Dislocation configurations extracted from the atomic snapshots of MD simulations at (A) the initial state, (B) 250 and (C) 300 simulation steps. The partial 
dislocations are pinned at their ends at the initial state. The Thompson’s tetrahedron shows the relevant Burgers vectors and slip planes. The inclined ABC plane is 
colored as blue, and the base BCD plane is colored as red.(For interpretation of the references to color in this figure legend, the reader is referred to the web version of 
this article.) 

Fig. 5. (A) Slight bowing of the configuration resulting from glissile reaction under a shear stress on the inclined slip plane. (B) Evolved configuration around the left 
node in (A). The dashed line boxes indicate the equivalent Burgers vectors of perfect dislocations. The atomic configuration corresponding to Al is shown on the right, 
with the centroid of the three joining stripes of SFs annotated. (C) The evolution of the dislocations around the left node in (A) in terms of the equivalent perfect 
dislocations from (A) to (B). (D) The change of the displacement of the centroid, as indicated in (B), with increasing RSS on the plane for Cu and Al. 
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atomistic simulations, which incorporate partial dislocation reactions, 
reveals is the existence of sessile stair-rods αγ at the left and right nodes 
and along the intersection line. Different stacking fault energies change 
the separation distance of the partial pairs, but does not appear to 
significantly affect the reaction process. From the perspective of perfect 
dislocations, the node joined by three glissile perfect dislocations are 
expected to be mobile, as shown in the schematic drawing in Fig. 1. 
From the perspective of partial dislocations, the mobility of the node 
hinges on the subsequent evolution of the structure surrounding the 
sessile segment αγ. At least, the glissile reaction node is expected to be 
mobile along the intersection line of the two glide planes. 

Once the reaction has completed, a displacement field is next applied 
to the simulation volume to produce a shear stress on the ABC plane and 
perpendicular to the intersection line (Fig. 5(A)). While all the disloca-
tions on the inclined ABD plane were driven to glide, the evolution of the 
structure was tracked, with a focus on the partial dislocations around the 
stair-rod. It is observed that both the pair of Cγ − γA and the pair of Bγ −
γA gradually glide below the intersection line of the two glide planes, 
with Bγ bowing between the pinned stair-rod segments, while the pair of 
αC − Bα remains on the BCD plane (Fig. 5(B)). With further straining, 
the partials Cγ and Bγ get closer, ultimately forming a fourth partial pair 
on the ABC plane. Considering the equivalent perfect dislocations of the 
structures in Fig. 5(A) and (B), the evolution can be understood as the 
gliding of CA and BA on plane ABC, followed by the zipping of CA and 
BA that produces BC on the ABC plane, as illustrated in Fig. 5(C). The 
significance of this process is that a co-planar configuration of three 
dislocations is created, thereby increasing the degree of freedom of the 
node from linear motion (1D) along the intersection line to planar mo-
tion (2D). 

Indeed, the structure of three joining stripes of SFs on the ABC plane, 
which can be approximated as a node joined by three perfect disloca-
tions, is mobile. For Al, a high stacking fault energy material that rep-
resents narrow partial separation, the sessile stair-rod αγ can be removed 
when the pairs of αC − Bα and Cγ − Bγ are stressed to glide closer and 
therefore unzip the junction of αγ. For Cu that represents wide partial 
separation, the junction of αγ remains, and all the SFs are wider than Al. 
The centroid of the three joining stripes of SFs is taken as a reference 
point to track its equilibrium position with increasing resolved shear 
stress, which is shown for both Al and Cu in Fig. 5(D). For the same 
amount of displacement, the RSS increment for Cu is about 9 times that 
for Al. This result implies that for materials with low SF energy, the node 
of glissile reaction can be more easily mobilized under an applied stress, 
via the formation of a co-planar configuration and glide thereafter, 
whereas for materials with high SF energy, the node is less mobile or acts 
essentially as pinned. Other initial conditions of parent dislocations (e.g. 
with different inclinations rather than being parallel) may also influence 
the difficulty of the junction to remobilize. Again, the presence of the 
immobile stair-rod segment arises only from the partial reactions, and 
would otherwise not be predicted using full dislocation models alone. 

3.2. Experimental characterization of a structure of glissile dislocations 

The MD simulations above elucidated the natural occurrence of a 
glissile reaction from the perspective of dissociated partial dislocations, 
and the ability of the involved dislocations and nodes to move under an 
applied stress, especially for the case of low SF energy materials. We next 
focused on experimentally identifying and characterizing a dislocation 
junction structure. Such a dislocation structure, residing in a grain 

Fig. 6. Five dislocation segments joining at two nodes in a grain of deformed Al. The dislocation segments are indicated by a, b, c, d and e. The same dislocations are 
imaged at six diffraction conditions (A–F). The diffraction vector, g, is annotated in each image and its direction is indicated by an arrow. 
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interior in deformed polycrystalline Al specimen, is shown in the TEM 
two-beam bright field images in Fig. 6. The same set of dislocations were 
imaged using six different diffraction vectors gi (Fig. 6(A)–(E)), exhib-
iting different visibilities. At the diffraction condition of g5 = [022]
(Fig. 6(E)), all five dislocations (denoted by the letters a-e) are visible. 
Dislocation c is joined by dislocations a and b at one node and by dis-
locations d and e at another node, thereby comprising a typical binary 
junction. Using the g⋅b = 0 invisibility criterion where specific combi-
nations of diffraction vectors used for imaging, g, and Burgers vector, b, 
result in zero or weak contrast, the Burgers vectors of the five individual 
dislocations were determined (Table 1). Dislocations a and e have the 
same Burgers vector of ba,e = 1/2[011], dislocations b and d have a 
different Burgers vector of bb,d = 1/2[110], and the Burgers vector of 
dislocation c is bc = 1/2[101]. 

Since the specimen was tilted to different orientations to achieve 
specific diffraction conditions, the images in Fig. 6 represent projections 
of the dislocations from six different perspectives. They thus provide 
valuable 3-dimensional information, allowing the determination of the 
dislocation line directions and the residing planes using stereological 
analysis. The observed dislocations were approximated as straight lines 
and the determined line direction ξ and line length L are listed in Table 2. 
Moreover, the dislocation character, described using the angle between 
the Burgers vector and line direction acos(ξ⋅b), and slip plane normal, ξ 
× b, are also calculated. Examination of the ξ × b vectors reveals that 
most of the calculated planes are not exactly the {111} type slip planes 
in FCC crystal, except for dislocation c where 
ξ × b = [− 0.57, − 0.59, − 0.57] ≈ [111] and dislocation e where ξ × b =
[ − 0.58, 0.57, − 0.57] ≈ [111]. Since they are the planes that contain 
both the Burgers vector and line direction, dislocation c and e are glis-
sile. To determine the actual plane that other dislocations reside on, the 
deviations (δ) of the line directions ξ from the four {111} planes are 
calculated. Acknowledging the fact that dislocations a, b and d are 
glissile as suggested by their slightly curved morphology in Fig. 6, only 
the δ values for the permissible slip plane are listed for each segment, 
and the plane that is closer to the line direction (smaller absolute value 
of δ) is determined to be the actual slip plane. As listed in Table 2, there 
is no ambiguity in determining the plane with smaller deviation for most 
segments, because one of the δ values is much larger than the other. The 
line directions appear to deviate from the exact {111} planes by various 
values, as large as 7.5∘. 

With the quantitatively determined dislocation line directions and 
lengths, and their residing glide planes, the observed dislocation struc-
ture can be reconstructed and then projected along any direction for 
further examination. Fig. 7 presents the projected views of the recon-
struction along four different beam directions and the comparison be-
tween the corresponding TEM images. Note that the curved dislocations 
b and d are represented by straight dislocation lines, the overall direction 
should be examined. The close alignment between the projected lines 
and the observed lines verifies the accuracy of the reconstruction. To 
explore the possible reactions between the dislocations, it is convenient 
to express the dislocations in terms of their respective Burgers vector and 
plane using the Schmid–Boas notation, namely dislocation a is 1 /
2[011](111) = D1, dislocation b is 1/2[110](111) = D6, dislocation c is 

1/2[101](111) = B4, dislocation d is 1/2[110](111) = A6, and dislo-
cation e is 1/2[011](111) = D1. As shown in Fig. 7(E), a total of three 
coplanar Burgers vectors and three planes are involved in this five- 
segment dislocation structure. 

3.3. Deducing the origin of the observed structure 

An important feature of the experimentally determined structure is 
that all five dislocation segments reside on their respective glide plane, 
implying that either they were directly formed on the current plane or 
they were formed on a different plane and subsequently cross-slipped to 
the current plane. In both cases, glissile reaction products must have 
occurred such that the resultant dislocation is glissile. According to the 
classical definition of a glissile reaction, two dislocations gliding on two 
inclined planes (α and β) intersect and form a junction which is a glissile 
dislocation, i.e. bα

1 + bβ
2 = bβ

3 with the plane β containing all three Bur-
gers vectors. For the three Burgers vectors determined and depicted on 
the Thompson tetrahedron in Fig. 8(A), the possible non-planar re-
actions leading to glissile products are D1 + B4 = D6, D1 + A6 = D4, B4 
+ D6 = D1 and D4 + A6 = D1. 

At node 1, two dislocation segments are on the common plane D, and 
the line direction of segment b (D6) is very close to the intersection line 
of the planes D and B marked as a dashed green line (corresponding to 
[101] (Table 2)). Therefore, the node could be readily formed by the 
glissile reaction of D1 + B4 = D6, followed by the glide of the dislocation 
section b (D6) by a small distance away from the intersection line of the 
two planes (Fig. 8(B)). At node 2, the three segments are on three planes, 
and none of them are close to any of the intersection lines of the planes. 
These details enable the following possible formation sequences to be 
hypothesized. One option is that node 2 could be formed by a glissile 
reaction, followed by the cross-slip of one segment. As demonstrated in 
Fig. 8(C), the dislocation segment D6 was firstly formed by the glissile 
reaction between D1 and B4, with an initial line direction parallel to the 
intersection line of the planes B and D. After bowing out, as indicated by 
the arrow on plane D, it underwent cross-slip from plane D to plane A, 
via the intersection line of the two planes, ultimately resulting in A6. 
Another option is that following the glissile reaction of D1 + B4 = D6, if 
another dislocation A6 glides toward D6 (Fig. 8(D)), a collinear reaction 
would occur, because they have the same Burgers vectors. The products 
are two dislocations, each residing on two planes, denoted as (A6 + D6). 
One product would continue to glide, while the other product is con-
nected to the glissile reaction node. Subsequent gliding of B4 and D1 on 
their respective plane would produce a tri-planar configuration, forming 
a pinned node joined by B4, D1 and A6. To summarize, the above ana-
lyses shed light on a variety of structures comprising glissile reactions 
beyond what has been previously envisioned, such as the classical 
structure in Fig. 1. What is intriguing is that the dislocation products 
from a glissile reaction can not only glide away from the intersection line 
of the participating planes, but also can evolve to a tri-planar configu-
ration by cross-slip or subsequent collinear reaction. 

Table 1 
The g⋅b table of the diffraction vectors in Fig. 6. The Burgers vectors of the dislocations of interest are b1, b4 and b6.    

ZA [101] [100] 

Burgers vector G g1, (020) g2, (111) g3, (111) g4, (002) g5, (022) g6, (022)

b1 1/2 [011] 1 1 0 1 2 0 
b2 1/2[011] − 1 0 − 1 1 0 − 2 
b3 1/2[101] 0 0 0 1 1 − 1 
b4 1/2[101] 0 − 1 1 − 1 − 1 1 
b5 1/2[110] − 1 − 1 0 0 − 1 − 1 
b6 1/2[110] 1 0 1 0 1 1  
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3.4. Evolution of the structure to elucidate effective node mobility 

We next investigate the mobility of the dislocations and the junction 
nodes, which underpin the efficacy of such structures in promoting 
strengthening and dislocation density via multiplication. While the in-
dividual dislocation segments formed by a glissile reaction are crystal-
lographically mobile, the junction nodes may either be mobile or pinned 
due to their topology. Node 1 is shared by three dislocations, among 
them two co-planar segments and the third segment residing on another 
slip plane. In the simplest perspective, node 1 is mobile along the 
intersection line of the two slip planes D and B, i.e. having one degree of 
freedom. Node 2 is the unique intersection point of three planes, thus it 
has zero degrees of freedom and is in a pinned state. 

To fully evaluate the possible evolution pathways in a parametric 
manner, we transferred the experimentally-characterized dislocation 
structure to a DDD simulation program DDLab [24], and applied uni-
axial loads to the simulation box. Since the peripheral dislocation nodes 
are either connected to other dislocations or at grain boundaries as 
shown in Fig. 6, they are simplified as pinned nodes in the simulation. 
Uniaxial load was applied along different crystallographic directions, 
including [111], [211], [010], [112] and [213]. These directions represent 
cases where one or two of the slip systems is unstressed (Table 3), i.e. 

zero Schmid factor on the branching dislocations a and e ([111] loading), 
or d ([211] loading), and the junction dislocation c ([010] loading). 
Obviously, the mobility of the two dislocation nodes is sensitive to the 
loading condition. Especially for node 2 which is at a tri-planar pinned 
state, whether the joining dislocations are stressed to glide would 
determine the evolution of the node. 

Three representative scenarios are presented in Fig. 9. They 
demonstrate the breadth of topological evolution that can be activated 
in an actual microstructure, showing how defect structure and loading 
orientation are intimately coupled to plastic hardening. Under tensile 
loading along the [111] direction (Fig. 9(A)), node 1 is mobile and node 2 
is pinned. Dislocation D1 experiences zero resolved shear stress (RSS), 
and the gliding of dislocation D6 results in zipping/junction formation of 
the two dislocations, along the line direction of dislocation D1: the two 
co-planar dislocations react (D6 + D1 = D4) and form a third glissile 
dislocation on the same plane between the original node 1 and the newly 
formed node 3. Node 3 is thus expected to move freely on plane D, driven 
by the gliding of any of the attached three co-planar dislocations. On the 
other hand, node 2 is observed to remain in the pinned state. Notably, if 
the other two joining dislocations, A6 and B4, were to react, the product 
would be an immobile Lomer lock. The evolved configuration shown in 

Table 2 
Results of the line direction determination. The deviation of the line direction from the {111} type slip planes is calculated. The expected slip plane for each dislocation 
is highlighted by the angular value that is underlined.   

L (nm) ξ Acos(ξ⋅b)(◦) ξ×b Deviation of ξ from {111} planes δ(◦)          

(111) (111) (111) (111)

b 447.0 [− 0.68 − 0.09 0.73] 57.3 [0.62 − 0.62 0.49] 4.8 − 49.6   
c 90.2 [− 0.76 0.64 0.11] 128.3 [− 0.57 − 0.59 − 0.57] − 48.0   − 0.4 
d 844.8 [− 0.14 0.49 − 0.86] 104.2 [− 0.63 0.63 0.46] − 59.5 7.5   
a 643.8 [− 0.40 0.35 0.84] 32.1 [− 0.65 0.54 − 0.54] 2.8  31.0  
e 559.7 [− 0.18 0.60 0.78] 12.6 [− 0.58 0.57 − 0.57] 0.1  11.9   

Fig. 7. (A–D) The reconstructed dislocation lines according to the results in Table 2 projected along the four beam directions and overlaid on the respective TEM 
images. The beam directions and diffraction vectors are annotated in each image, with the black arrow indicating the diffraction vector. (E) The dislocation structure 
in the cubic lattice. The crystal orientations are depicted using the colored tetrahedra. 
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Fig. 9(A) can thus be considered as a two degrees of freedom reaction, 
with the free motion of node 3 allowed on a plane. 

Changing the tensile loading axis to the [112] direction (Fig. 9(B)) 
results in both nodes exhibiting mobility. Dislocations D1 and D6 glide 
in opposite directions on plane D, so they do not zip together as in the 
previous scenario. Moreover, since dislocation B4 experiences zero RSS, 
the movement of node 1 is constrained by the three joining dislocations 
to move along the intersection line of the planes D and B. At node 2, 
initially in a pinned state, dislocations D1 and A6 are stressed to glide on 
their respective planes thus rotating around node 2, with their gliding 
directions pointing to the intersection line of the two slip planes. The 

two dislocations subsequently zip together and produce a new segment 
D4 via the glissile reaction of D1 + A6 = D4. The consequence of this 
reaction is twofold. First, the reaction occurs between node 2 and the 
newly formed node 3, which is shared by the mobile dislocations D1, D4 
and A6 on two planes. Node 3 is therefore mobile but constrained to 
glide along the intersection line of the glide planes A and D. Second, 
once the new dislocation segment D4 between node 2 and node 3 is 
formed, node 2 changes its state to “mobile” but is constrained to move 
along the intersection line of the glide planes B and D. More signifi-
cantly, the movement of node 2 and node 1 drags dislocation B4 to glide 
under dislocation line tension, i.e. the unstressed dislocation is 

Fig. 8. (A) A closer view of the reconstructed structure. The lattice orientation and the color code for the {111} planes and 1/2〈110〉 Burgers vectors are shown by 
the tetrahedron. The planes and Burgers vectors are expressed according to the Schmid Boas notation, also shown on the tetrahedron. The possible glissile reactions 
and the subsequent evolution to the observed structure in (A) are presented in (B) for node 1, and in (C) and (D) for node 2. 
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activated. Compared with the loading condition in Fig. 9(A), this 
configuration has only one degree of freedom; namely, linear motion 
along the intersection line of two planes. 

When the loading direction is reversed to compression along [112]
(Fig. 9(C)), both dislocation nodes are effectively immobile within the 
simulation steps. All the dislocations glide in the opposite directions 
compared to those identified during [112]-tensile loading. Node 1, 
though crystallographically mobile, is effectively immobile due to the 

force balance between the three joining dislocations. At node 2, dislo-
cations A6 and D1 tend to induce unzipping at the node. However, since 
the node is pinned at the unique tri-planar point, unzipping cannot 
proceed, thereby leading to fundamentally distinct configurations be-
tween tensile and compressive loading. Comparatively, this configura-
tion is the most restrictive with zero degrees of freedom. These collective 
results demonstrate the strong influence of the loading conditions and 
orientation, and highlight that, unlike individual dislocations, the ability 
of dislocation junctions and nodes to move is linked to the mobility of all 
the joining dislocation segments, which act either cooperatively to glide 
or to render the dislocations effectively immobile. 

3.5. Statistical analysis of the mobility of the glissile reaction nodes 

The parameterized DDD simulations reveal that the mobilities of the 
dislocations and the nodes are closely tied to each other, and the evo-
lution of the collective dislocation network is strongly dependent on the 
local stress conditions. On one hand, the simple glissile nature and the 
cross-slip ability of individual dislocations exactly determine whether a 
node evolves to a pinned state, here a tri-planar point. On the other 
hand, remobilization of the node would evidently benefit from cross-slip 
of the joining dislocations. The subsequent reactions of the glissile 

Table 3 
The Schmid factors of the relevant slip systems of the experimentally observed 
dislocation structure for different load axes, and the apparent mobility of the two 
dislocation nodes in the DDD simulation under tension loading. M and P 
represent mobile and pinned, respectively.  

Load axis Slip systems Node mobility 

C1 D1 D6 A6 D4 B4 Node 1 Node 2 

[111] 0 0 0.27 0.27 0.27 0.27 M P 
[211] 0.27 0.27 0.41 0 0.14 0.27 M P 
[010] 0.41 0.41 0.41 0.41 0 0 M M 
[112] 0.27 0.14 0.27 0.27 0.41 0 M M 
[213] 0 0.47 0.35 0.18 0.12 0.18 M M  

Fig. 9. DDD simulations of the evolution of the experimentally determined dislocation structure under various loading conditions. (A) tension along [111] direction, 
(B) tension along [112] direction, and (C) compression along [112] direction. For each loading condition, the evolved structure at the simulation step of 900 is 
presented, with the original structure shown by dashed lines. Magnified views around the two nodes are shown to highlight the evolution of the dislocation lines at 
selected simulation steps. For each dislocation line, the line color indicates its slip plane and the node color indicates its Burgers vector. The color scheme and the 
Schmid Boas notations are the same as those in Fig. 8. 
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reaction products with other gliding dislocations could also change the 
mobility of the nodes. Collinear reactions could produce a pinned tri- 
planar configuration as depicted in Fig. 8(D). Further, co-planar re-
actions appear to effectively mobilize a node, as in the reaction of D6 +
D1 = D4 at node 1 (Fig. 9(A)), which produces a mobile co-planar three- 
dislocation configuration. 

To generalize the findings revealed by the specific dislocation 
structure characterized experimentally, we employed a large ensemble 
of dislocations in a 5 μm3 simulation box to analyze the occurrence of 
glissile reactions and the evolution of the associated nodes under load, 
using a DDD simulation framework that has been validated on several 
metallic systems [3,26-30] and has unraveled dislocation multiplication 
mechanisms based on glissile reactions. Acknowledging the rich variety 
of the evolved structures, we performed tension loading simulations 
along the directions of [100] and [123] respectively to represent 
multi-slip and single-slip orientations, and also by intentionally enabling 
and disabling the cross-slip activity. All the simulations start from the 
same relaxed microstructure. The stress-strain curves for the tension 
simulations along the two directions, and with or without cross-slip are 
shown in the Appendix. It is noted that such stress-strain curves are 
informative of the evolution of dislocation network in a single crystal. 
Besides the evolution of dislocation density with strain, the following 
features were tracked and analyzed: (i) the number of glissile reactions, 
and (ii) whether a node created by a glissile reaction is pinned or mobile. 
Informed by the current experimentally observed structure and its 
evolution in DDD simulations, all the nodes that are joined by three 

glissile dislocations (or triple nodes) are defined as a glissile reaction 
node and tracked, without discriminating their origins. The other 
end-node of a glissile junction is excluded if this end-node is shared with 
Lomer or Hirth reactions. In the simulated structures, all these nodes are 
end-nodes of glissile junctions. The three dislocations could be bi-planar 
(the classical definition bα

1 + bβ
2 = bβ

3), co-planar (node 3 in Fig. 9(A)), or 
tri-planar (node 2 in Fig. 8). We emphasize that this is a feature allowing 
to confirm a glissile junction and hence acts as the identification 
criterion. 

As shown in Fig. 10, cross-slip brings a more rapid increase in 
dislocation density with strain, and also more rapid increase of triple 
nodes, i.e. the occurrence of glissile reactions. Regarding dislocation 
density (Fig. 10(A) and (B)), the increase is much stronger for [100] 
loading than for [123] loading for a given strain. The origin is likely the 
frequency of dislocation intersections, which is lower for single slip 
during [123] loading as dislocation slip and multiplication are mainly 
on the primary slip system. On the other hand, when examining the 
increase of dislocation density due to glissile reactions, it is clear that 
cross slip promotes glissile reactions, more than it does for other re-
actions. The change of dislocation density based on other mechanisms is 
weakly affected with or without cross-slip, while the dislocation density 
due to glissile reactions rises more rapidly when cross-slip is enabled. 

While the evolution of dislocation density is a reflection of the 
enhancement effect of cross-slip on glissile reactions, the statistics of the 
nodes connected to three glissile dislocations (i.e. triple nodes) allows 
one to examine both the occurrence of glissile reactions and the mobility 

Fig. 10. The dislocation density evolution (A and B) and the evolution of the number of dislocation nodes joined by glissile dislocations (C and D) with total strain. 
(A) and (C) are obtained under [100] tension, and (B) and (D) are obtained under [123] tension. For both loading directions, simulation with and without cross-slip 
are shown. In (A) and (B), the total dislocations are separated from those due to glissile reaction and other dislocations. Namely, for either with cross-slip (WCS) or 
with no cross-slip (NCS), the curves with triangular markers represent the dislocation density produced by glissile reaction, the curves with cross markers represent 
the dislocation density evolution of other dislocations (e.g. produced by other reactions), and the solid line curves are the total dislocation density. The fraction of 
pinned nodes is indicated above each bar in (C) and (D). The simulations were performed using DDD with 1.15 × 1013 m− 2 starting dislocation density in a 125 μm3 

simulation box. 
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of the resulting nodes. For both the [100] and [123] tensile loading 
simulations, cross-slip results in more nodes of glissile reactions. The 
orientation dependence of this enhancement factor is unknown and 
worthy of future study. Consistent with the above simulations on the 
specific structure, both pinned and mobile nodes are found among the 
triple nodes. The fraction of immobile pinned nodes can be as high as 20 
% at 0.5 % strain, a surprising observation considering all the joining 
dislocations are glissile on their own planes. The fraction of the pinned 
nodes is slightly higher when cross-slip is enabled than when not. This is 
due to the additional relaxation by cross-slip that allows the formation of 
stable yet pinned triple nodes. Overall, the statistics suggest that cross- 
slip is an important mechanism to initiate more glissile reactions and 
generate more mobile dislocation nodes. 

3.6. Implications for crystal plasticity modeling 

The statistical analyses of glissile reactions and the mobility of the 
resulting nodes uncover new understandings on the implications of 
glissile reactions on plasticity. The duality of node mobility emphasizes 
the role of glissile reactions in both providing mobile dislocations as 
carriers of plastic strain and producing immobile structures as obstacles 
for dislocation movement. In the two extreme cases, a structure pro-
duced by a glissile reaction could move freely by the glide of all the 
branching dislocations and the corresponding nodes, or it could include 
nodes with zero effective mobility that act as pinning sites. 

The current study reveals that the apparent mobility of the reaction 
node or the dislocations differs for materials of different SF energy (or 
the properly normalized global metric γSF/μ [36]) and the ability to 
cross-slip, at minimum. As shown in the MD simulations in Fig. 5, the 
apparent mobility of glissile reaction nodes of Cu, a low SFE represen-
tative, is much lower than that of Al, a high SFE representative. This is 
partly due to the larger length of the sessile stair-rod partial dislocation 
in Cu than in Al, as an intermediate product of the sequential reactions of 
partial dislocations. While SF energy could be considered as an intrinsic 
property of a material, extrinsic factors, such as stress state, strain rate 
[37] and grain size [38], would also affect the propensity for cross-slip. 
Both the parametric DDD simulations in Fig. 9 and the statistical analysis 
of the DDD simulation in Fig. 10 suggests that loading conditions and 
activity of different slip systems would significantly affect the mobility 
of the glissile reaction node. 

The generation and activation of mobile dislocations, as a result of 
glissile reaction, would readily dissipate strain energy, especially the 
activation of unstressed dislocations that are dragged by a mobile node 
(dislocation B4 in Fig. 9(B)), i.e. zero resolved shear stress but non-zero 
plastic strain rate. In this regard, they contribute to homogeneous 
deformation and the relaxation of internal elastic stress, in contrast to 
the increased hardening brought about by dislocation locks. In recent 
years, there have already been endeavors in implementing glissile re-
actions in dislocation density-based crystal plasticity models, with the 
goal of achieving physically meaningful descriptions of hardening 
[39–41]. The results presented here suggest that the dual nature of node 
mobility could be further implemented in such formulations. For 
instance, a first step could be assigning a certain fraction of glissile 

reaction nodes as immobile nodes, with the value informed by DDD 
simulations such as in Fig. 10(B), analogous to informing the hardening 
matrix using the values obtained by pair-wise dislocation interaction 
simulations [42,43]. Taken collectively, this work encourages future 
modeling efforts on both the discrete dislocation scale and the contin-
uum scale that would treat the mobility of the resulting dislocations in a 
statistical and evolving sense. 

4. Conclusions 

In summary, we elucidated the glissile reaction pathway and evo-
lution using MD simulations, demonstrating its natural occurrence for 
dissociated partial dislocations and also the dependence of reaction 
node mobility on SF energy, thereby extending the current un-
derstandings of glissile reactions based primarily on perfect dislocations. 
A dislocation structure produced by glissile reactions was then quanti-
tatively characterized experimentally, and recapitulated in parametric 
discrete dislocation dynamics simulations to systematically interrogate 
the complex and myriad evolutions of this experimentally-determined 
structure. In-depth analyses of the specific dislocations in tandem with 
a statistical analysis of an ensemble of dislocations reveal the multi-
plicity of the structures evolving from glissile reaction, the duality of the 
mobility of the dislocations and nodes, and their implications on plas-
ticity. These findings provide crucial ingredients for the development of 
physically-informed, dislocation-based constitutive theories of plasticity 
[44–47], and further point to avenues for tailoring plastic response 
through alloy and microstructure design. 
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Appendix

Fig. A1. The stress-strain curves for [100] and [123] tensile loadings respective. In each case, the curves for the simulations with and without cross-slip are shown.  

The primary purpose of the stress-strain curves (Fig. A1) of the large scale DDD simulations is to examine the general elastic and plastic response of 
the simulation box, including reasonable yielding behavior and level of flow stress etc., with the used cross-slip model and parameters. Cross-slip is 
shown to reduce strain hardening, and in both loading cases, the simple proportionality between flow stress and the square root of dislocation density 
does not hold. One possible origin of this observation is attributed to the cuboidal shape of the simulation volume and the chosen displacement 
boundary conditions, which enforce the top and bottom surface to be overall flat. While the dislocation density is quite large (the average spacing 
between dislocations is significantly smaller than sample size), underneath the top and bottom surface of the sample, back stresses on the dislocations 
exist and cross-slip allows for an additional relaxation, leading to lower stresses with increasing strain. This is more clearly visible for the [123] loading 
case (single slip) as the primary slip system is steeper and thus geometrically more constrained by boundary constraints. 
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